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ABSTRACT: The deformation process in rubber-modified polystyrene was studied by static SAXS on
deformed tensile samples under loaded conditions. The typical scattering pattern of these systems was
interpreted as originating from two components: crazing in the polystyrene matrix and a dominant
cavitational component associated with the rubbery phase. We have used and checked a new method to
separate and quantify the crazing component and to give an estimation of the noncrazing component.
The contribution of matrix crazing to the plastic deformation is of minor importance. With an increasing
content of rubber, the amount of crazing decreases strongly whereas the (impact) toughness increases.
In both PS/SEBS blends and HIPS the main source of plastic energy absorption might be cavitation-

induced microscopic shear yielding.

1. Introduction

There is general agreement that crazing is a precursor
of fracture in glassy homopolymers.}? Crazes nucleate
mostly from (surface) imperfections, and polymer frac-
ture is a result of premature craze failure. Although
the plastic strain within the fibrils of a craze can be
considerable, the very localized nature of a craze implies
a low level of energy dissipation and leads usually to a
brittle fracture of the material.

On the other hand, many studies report that the
toughness of glassy polymers can be increased dramati-
cally by incorporating rubbery particles that promote a
large density of crazes.>* Based mainly on dilatometry
and transmission electron microscopy studies, the mech-
anism of absorption of energy was thought to occur
principally through multiple crazing of the matrix. The
rubbery particles were interpreted as passive stress
concentrators able to initiate crazes around the equato-
rial regions, owing to the large difference in the shear
modulus of the matrix and the rubber.®5 A certain
degree of adhesion between the matrix and the rubbery
phase is necessary in order to avoid premature craze
breakdown.®

So crazes are considered as fracture nuclei in glassy
homopolymers and as a source of toughness in rubber-
modified glassy polymers. This dualism of the crazing
process was put in perspective a few years ago by
Bubeck et al.,, who found that in high-impact poly-
styrene (HIPS) roughly half of the total plastic deforma-
tion is due to crazing.”~® Besides crazing of the matrix,
voiding or fibrillation of the rubbery phasel® 1% and
microscopic shear of the interparticle matrix liga-
ments!#15 operate in these materials. These observa-
tions were supported by real-time small-angle X-ray
scattering (RTSAXS) experiments under tensile impact
conditions, which also show that cavitation of rubber
particles is preceding matrix crazing and continues until
final fracture.%1%

Recently, a new model to explain the deformation
behavior of rubber-modified crazing matrices was pro-
posed by Bucknall et al.1617 The model, which is based
on experiments on HIPS, assesses that the rubber
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particles first cavitate, providing the first nuclei for
craze growth, according to the meniscus instability
mechanism.!® Depending on the morphology of the
rubber particle, cavitation results in the formation of
load-bearing elastomeric fibrils, or a stretched rubber
membrane surrounding the cavity. As the crazes extend
and thicken, their growth is restrained by the fibrillated
rubber (strain-hardening), which takes an increasing
share of the applied stress as the strain increases. In
this view the main source of energy absorption is still
multiple crazing. On the other hand, the results of
Gilbert and Donald,* Bubeck and co-workers,? and
Buckley!® are suggesting that local ligament shearing
may have a considerable contribution to the toughness,
too.

In order to investigate quantitatively the contribution
of both deformation modes to the plastic energy absorp-
tion, we studied the deformation process of rubber-
modified PS as a function of rubber content and type of
rubber. We attempted to separate the crazing and the
noncrazing processes (cavitation of the rubber phase,
yielding of the glassy ligaments in between rubber
particles, ete.) in loaded specimens of rubber-modified
PS, using static SAXS on postdeformed samples. Also,
a new method of SAXS data analysis is introduced to
quantify properly the contribution of crazing.

A commercial HIPS and blends of PS and rubbery
triblock copolymers based on polystyrene and hydroge-
nated polybutadiene (SEBS) were studied. In HIPS the
particle morphology depends on polymerization condi-
tions and the internal particle structure is usually not
controlled. Incorporation of rubbery styrenic block
copolymers as a second phase into a high molecular
weight PS matrix has the advantage of combining
interfacial adhesion by interpolymer affinity and getting
a prescribed morphology of the dispersed phase. The
internal morphology of the particle in these systems is
determined by the structure of the block copolymer,
which in turn depends on the molecular weight and
composition of the block copolymer.1?

2. Experimental Section

2.1. Materials. Polystyrene (PS N7000) (M,, = 340 000,
M./M, = 2.6, Tgpsc = 101 °C), supplied by Shell, was used as
the model matrix and was blended with two elastomeric block
copolymers. The block copolymers were also purchased from
Shell under the trade names Kraton G1651 and Kraton G1652.
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Table 1. Composition and Microstructure of SEBS
Triblock Copolymers

My (kg/mol) M,/ styrene B
designation total styrene rubber My* (%) (A)

SEBS-HM: KG 1651 177 29 119 115 321 610
SEBS-LM: KG 1652 49 7 35 120 288 270

@ From GPC measurements. ? B is the center-to-center spacing
of the PS glassy domains determined by SAXS.

They are linear triblock copolymers with terminal polystyrene
blocks and a middle elastomer block which is hydrogenated
from butadiene to a copolymer of ethylene and butylene
(SEBS). The two styrenic block copolymers are structurally
similar, with comparable nominal composition, but their block
lengths and melt viscosities are different. GPC was used to
determine the molecular weight of the components. The block
copolymers will be referred to as SEBS-HM (KG 1651) and
SEBS-LM (KG 1652) based on the differences in overall
molecular weight, respectively the high and the low molecular
weight block copolymers. The characteristics of the block
copolymers used are listed in Table 1.

A high-impact polystyrene, HIPS (Dow Styron XL 8023),
containing 7 wt % butadiene rubber in the form of gel particles
as generated by bulk polymerization?® was used. The volume
fraction of “composite” rubber particles (with polystyrene
inclusions) was estimated to be between 15 and 20%, based
on modulus measurements. The average molecular weight of
the polystyrene matrix was about 200 000 with a polydisper-
sity of 3.1. A content of 0.5 wt % of mineral oil is present as
an additive.

2.2. Blend Preparation and Morphology. The blending
of PS and SEBS block copolymers was performed in a range
of compositions using a Berstorff ZE 25 corotating twin screw
extruder with a standard screw geometry at a constant barrel
temperature of 240 °C. The extruded strands were quenched
and pelletized subsequently. The PS, PS/SEBS blends, and
HIPS were injection molded (Arburg Allrounder 220-75-250)
at 240 °C into standard tensile and impact test specimens.

The morphology of both HIPS and the PS/SEBS blends was
examined with a transmission electron microscope (Philips CM
200) operated at an accelerating voltage of 120 kV. The
samples were cryosectioned in a direction parallel to the flow,
and the microtomed sections were hardened and stained by
exposure to ruthenium tetraoxide (RuO4) vapors using well-
described procedures.?!

Films of pure block copolymers were prepared from the
rubber granules by compression molding. The morphology was
examined at a direction perpendicular to the film surface,
following the same procedure as for the blends.

2.3. Mechanical Testing and Dilatometry. Prior to
mechanical testing, the specimens were annealed overnight
at 80 °C to minimize orientation induced by processing. The
mechanical properties of injection-molded tensile specimens
(ISO 527-1) were evaluated using a Zwick mode 1445 tensile
tester at a strain rate of 1.7 x 10~*s71, unless otherwise stated,
at room temperature. The displacement was recorded with
an extensiometer. Notched Izod impact strength was deter-
mined (ISO 180-1A) using a Zwick impact testing machine in
a range of temperature from —60 to +60 °C. The average
values of five tests are reported.

To obtain information about the relative adhesion at the
interface between PS and a block copolymer, we have used a
peel strength method (ASTM D1876) with an ideal peel angle
of 90°.22 In this method, a two-layer sandwich is made by
laminating sheets of PS and the block copolymer by compres-
sion molding. To prevent stretching of the rubber, a glass fiber
cloth is used as backing of the block copolymer. A healing
temperature of 170 °C and a healing time of 1 h were selected
based on previous studies.?® The reported value was based
on five measurements for each system.

Dilatometry measurements were performed on injection-
molded (ISO 527-1) tensile specimens under a constant strain
rate of 1.7 x 107% s~1, Two extensiometers were used to
measure the longitudinal and the transversal (width) strains,
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respectively. The thickness strain was assumed to be identical
to the width strain. An average value of three specimens was
taken for each sample for tests carried out up to 5% longitu-
dinal strain.

2.4, Microstructure of Deformed Specimens. The
microstructure of deformed samples was studied on thin
sections, microtomed from bulk deformed specimens. The
sectioning direction was at an angle of approximately 90° to
the principal tensile axis to minimize any damage of the craze
microstructure.

2.5. Small-Angle X-ray Scattering. The SAXS measure-
ments were performed by using a Kratky-type small-angle
camera in Cu Ka radiation (wavelength 4 = 0.154 nm)
produced by a conventional Philips X-ray generator and
collimated with an entrance slit of 30 yum. The diffracted
radiation was registered by a position-sensitive detector (M-
Braun, Model OED 50). Prior to the scattering measurements,
plastic deformation was initiated by drawing the tensile
specimens to a certain strain level at a strain rate of 1.7 x
10~¢ 571, After drawing, the samples were held extended by
clamping a specially designed steel jig tightly around the
loaded specimen before its removal from the tensile machine.
This procedure was necessary because cavitational structures
developed during deformation tend to disappear rapidly when
the specimen is allowed to relax.?* For some systems the
strain level was taken as a variable. The scattering measure-
ments were obtained with the tensile direction parallel to the
length of the Kratky slit. The experimental intensities were
corrected for background scattering by subtraction of the
scattering curve of the undeformed sample. Each measure-
ment required two runs: a scattering run with the specimen
in the scattering position and a transmission run with the
specimen in the beam for absorption only. Measured slit-
smeared intensities were transformed to an absolute scale by
means of a standard polyethylene Lupolen sample (in this
paper only slit-smeared intensities are dealt with because
desmearing is only possible for isotropic samples).?526 The
acquisition and analysis of the scattering data were processed
using the program FFSAXS.2

SAXS experiments have also been carried out with a
Kiessig-type small-angle camera. This camera has pinhole
collimation and records a two-dimensional X-ray scattering
pattern with a photographic film. In this way, the presence
of a cross-pattern through the origin, characteristic for
crazes,?*~28 was checked.

2.6. SAXS Data Analysis. The data analysis was adapted
to static SAXS measurements taking into account the reason-
ing derived in the literature on RTSAXS® and involves the
following steps:

1. The total plastic strain er was determined from the
preimposed strain ¢4 (this was done by subtracting the elastic
strain g, given by the ratio yield stress/tensile modulus, from
the preimposed strain). This procedure is allowed since the
strain is uniform over the sample gauge length of the tensile
bars.

2. The craze volume under the beam and the related plastic
strain due to crazing, ecg, were calculated from the analysis
of the absolute scattering invariant resulting from the craze
fibrils.

3. To obtain the plastic strain due to noncrazing mecha-
nisms (rubber particle cavitation, microscopic shear yielding,
etc.), ecr was subtracted from er.

The patterns were analyzed to give information on the
small-angle X-ray scattering invariant, , and the craze
microstructure, as measured by the craze fibril diameter, D.

2.6.1. Absolute SAXS Invariant and Volume of Crazes.
The small-angle scattering invariant @ is defined as

Q= [ ilg)g dg 1)

where i(g) is the smeared scattered intensity and g is the
magnitude of the scattering vector, defined as ¢ = (47/4) sin
0, where 26 is the angle between the incident beam and the
direction of scattering and A is the wavelength of the X-rays.
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The significance of @ is that its value depends on the volume
fraction of the two phases, their electron density difference,
and the total volume of scattering centers and not on the
structural details, such as the shape and the average dimen-
sions of the two phases.?® For X-ray radiation incident on
crazes, the two-phase system consists of the interconnected
void matrix of the craze and the polymer fibrils. The invariant
which results from the scattering of crazes is given by?2429.30

Q= Vivf(l — vAQ® (2)
0

where V is the total volume of crazes illuminated by the X-ray
beam, Vj is the total volume of polymer irradiated by the X-ray
beam, vris the volume fraction of polymer fibrils in the craze,
and Ag is the difference in electron density between the voids
and the polymer fibrils. For a two-phase structure, such as a
craze, where the densities of the two phases are known and
the volume fraction is estimated from other measurements,
the invariant can be used as a measure of total craze volume
within the beam.

For small plastic strains, ecr due to crazing can be related
to the craze volume by

fcR = "VV'O'{]. - vf) (3)

Combining egs 2 and 3, the corresponding changes in ecg can
be found from

€cr = o~ 4)
(AQ)2U['

The strain due to deformation events other than crazing (i.e.,

shear yielding and rubber particle cavitation) is the “noncraz-

ing” strain encg, given by

€ENCR — €T — €CR (5)

2.6.2. Craze Microstructure. The mean craze fibril
diameter D may be obtained using a Porod analysis?63° of the
high-angle portion of the scattering curve. The theory of small-
angle scattering was first applied to crazes by Paredes and
Fischer®'*? and extensively discussed by Brown and Kram-
er?? and Dettenmaier.?® Porod’s law states that at the tail
end of a small-angle scattering curve, the scattered intensity
i(g) should be proportional to g3 for an ideal two-phase system;
ie.

i(q) = k/q* (6)

where k; is the so-called Porod constant, whose value is
proportional to the specific surface area of the craze fibrils.
The high-angle end of the scattering curve where it is obeyed
is called the Porod region. In practice k, is determined by
extrapolating the plot of ig® versus q° to q = 0 (after
subtracting the background far from the beam stop).

The average value of D may be computed from the following
expression:

- Q@
b=Ga-w ™

where C is a constant and vy is the fibril volume fraction (vf =
1/Acraze) in a craze. A value of the fibril volume fraction vy =
0.25 was assumed based on transmission electron microscopy
measurements on polystyrene crazes in thin films.%

3. Results

3.1. Morphological and Mechanical Details of
the Block Copolymers. The SEBS copolymers consist
of three long segments chemically bonded together. In
forming an equilibrium structure, the SEBS copolymers
separate into two distinct phases.?*3 Transmission

Toughness of Rubber-Modified Polystyrene 5843

~

Figure 1. Transmission electron micrograph of a thin section
prepared by ultramicrotomy of an undeformed bulk specimen
of PS/SEBS-HM at 25 wt % block copolymer. As an inset is
illustrated the block copolymer internal morphology.

electron microscopic examination of pure block copoly-
mers SEBS-LM and SEBS-HM reveals a composite
structure of a block copolymer consisting of a continuous
rubbery phase of hydrogenated polybutadiene and an
equilibrium form of predominantly cylindrical micro-
domains of dispersed glassy polystyrene.

The morphology of the microdomain structure of both
block copolymers is similar; only the scale of that
structure increases from SEBS-LM to SEBS-HM. Small-
angle X-ray scattering (SAXS) experiments support
these TEM observations and were used to quantify the
microdomain dimensions.

The storage shear modulus, G’, was measured with
dynamic mechanical analysis (DMA) at a frequency of
0.2153 Hz. SEBS-LM has a modulus of 13 MPa at room
temperature, which is significantly higher than the
modulus of SEBS-HM (5 MPa). This indicates that the
glassy PS domains in SEBS-LM have a higher degree
of continuity.

The peel strength between layers of PS and a SEBS
block copolymer is respectively 120 N/em for SEBS-HM
and 80 N/em for SEBS-LM. In both cases the peel
strength is considerable, referring to a high amount of
energy dissipation during the peeling. The peel test
with PS/SEBS-HM shows a cohesive failure in the block
copolymer whereas the test with SEBS-LM shows
interfacial failure.

3.2. Blend Morphology. The typical morphology
of the block copolymer modified polystyrene is a result
of phase separation between the homopolymer and the
block copolymer—blend morphology—and a microscopic
separation between the incompatible blocks of the
copolymer—internal particle morphology.

Electron microscopy on some blends indicates that the
spherical—cylindrical microdomain geometry inherent
to the pure triblock copolymer is retained in the blends.
Figures 1 and 2 show the typical morphology of these
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Figure 2. Transmission electron micrograph of a thin section
prepared by ultramicrotomy of an undeformed bulk specimen
of PS/SEBS-LM at 25 wt % block copolymer.

Table 2. Comparison of Blend Morphology between
SEBS-HM and SEBS-LM Blends with Polystyrene

average particle diameter (um)

block copolymer

conen (wt %) PS/SEBS-HM PS/SEBS-LM
5 1.2 0.2
15 1.3 0.7
25 1.3 1.4

blends for a concentration of 25 wt % of the block
copolymer.

The examination of the blend morphology shows that
the rubber particles are irregular in shape; however, for
the compositions investigated an effective average size
could be assigned to each system. In the PS/SEBS-HM
blends the dispersed particles are spheroidal in shape
with a broad distribution of particle size. In the PS/
SEBS-LM blends the dispersed phase is more distorted
and seems to be somewhat more elongated by the flow
field. The particle size (long axis) at the two higher
contents of copolymer is roughly the same for both
systems, despite the different shapes. These charac-
teristics are summarized in Table 2.

The typical morphology of HIPS is shown in Figure
3. The rubber particles show the multiple inclusion
structure (polystyrene occlusions), as a result of the
phase inversion in the polymerization step. The average
particle diameter is 1 gm.

3.3. Mechanical Behavior. The stress—strain
curves for both block copolymer blends, PS/SEBS-LM
and PS/SEBS-HM, are depicted respectively in Figures
4 and 5. Summarizing the mechanical behavior, it can
be said that both blends undergo yielding at roughly
the same stress level, which decreases with the content
of block copolymer. The flow stress follows the same
trend, resulting in slightly higher values for the blend
with SEBS-LM. The elongation of the samples is not
accompanied by any significant reduction in cross-
sectional dimensions (macroscopic necking) all the way
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of an undeformed bulk specimen of HIPS.

0

("3 PS/SEBS—-LM

20

Stress (MPa)

Strain (%)
Figure 4. Stress—strain curves of PS/SEBS-LM blend at
different block copolymer concentrations: (a) 0, (b) 5, (¢) 10,

(d) 15, (e) 20, and (f) 25%. Tested at room temperature at a
strain rate of 1075 ™1

up to fracture. Fracture in the blend with SEBS-LM is
found to occur at a strain of roughly 30% while that of
SEBS-HM is as large as 60% for blends with a copoly-
mer content above 10 wt %. So the strain at break is
somewhat smaller for the blends with SEBS-LM.

The dependence of the yield stress and the strain at
break on concentration of block copolymer and at
different strain rates is shown in Figures 6 and 7,
respectively. The expected decrease of the yield stress
with rubber content can be observed, a trend which is
not influenced by the molecular weight of the block
copolymer. However, PS/SEBS-LM has a slightly higher
strain rate sensitivity.

It is evident that the ductility improves as the amount
of the SEBS added increases, although a tendency to
level off is apparent. In the strain rate regime inves-
tigated PS/SEBS-HM shows a significant enhancement
in ductility at low strain rates. The blend with SEBS-
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Figure 5. Stress—strain curves' of PS/SEBS-HM blend at
different block copolymer concentrations: (a) 0, (b) 5, (¢) 10,
(d) 15, (e) 20, and (f) 256%. Tested at room temperature at a
strain rate of 1074 s71,
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Figure 6. Dependence of the yield stress on block copolymer
concentration for SEBS-modified PS at different strain rates
at room temperature: (a) 1074, (b) 1073, (¢) 1072, and (d) 10!
s~1. The open symbols correspond to SEBS-LM and the solid
symbols to SEBS-HM.

LM has a significantly lower strain at break than that
of SEBS-HM. A brittle—ductile transition occurs at
around 5% block copolymer content.

The results of the notched Izod impact tests are
presented in Figure 8. The impact strength of the
blends with SEBS-HM is higher than with SEBS-LM
over the entire range of temperatures. At low temper-
atures or low content of block copolymer, the impact
strength is reduced to the level of unmodified polysty-
rene.

The HIPS specimen shows the typical tensile behavior
for this material, with characteristic values of 23 MPa
for the yield stress and an average strain at break of
about 40%, both determined at a strain rate of 1.7 x
1074 s~1, and a notched Izod impact strength of 8 kJ/m?
at room temperature.

3.4. Deformation Behavior. 3.4.1. Dilatometry.
Tensile dilatometry has been used by many investiga-
tors to evaluate the deformation mechanisms in rubber-
toughened materials.336-3% The individual contribu-
tions of cavitational processes (crazing/voiding) and
shear yielding can be assessed to some extent by this
method. It is assumed that deformations such as
voiding and crazing are dilatational processes, which
manifest themselves by an increase in volume strain.
When shear yielding occurs, a decrease in the volume
strain rate is apparent, since plastic deformation occurs
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Figure 7. Dependence of the strain at break on block
copolymer concentration for SEBS-modified PS at different
strain rates at room temperature: (a) 1074, (b) 10-3, (¢) 102
and (d) 107! s71. The solid symbols correspond to SEBS-HM
(A) and the open symbols to SEBS-LM (B).

at approximately constant volume. It has been custom-
ary to assume that an increase in volume strain is due
entirely to crazing, based on interpretation of post-
mortem TEM. However, if both voiding and crazing
occur simultaneously, it is impossible to separate their
respective contributions to volume strain.

The materials in this study were subject to this test
at low strain rate. The results from dilatometry for both
PS/SEBS-HM and PS/SEBS-LM are shown respectively
in Figures 9 and 10. The initial linear increase in the
volume strain below the yield point is due to the elastic
behavior. For the two blends, in this region, all the
volume strain curves are similar and essentially indis-
tinguishable. When irreversible deformations set in
beyond yielding, there is a rapid increase in volume,
which increases slightly with increasing addition of
block copolymer. The results also suggest that the two
types of blends behave quite similarly, although the
voiding component is somewhat more pronounced for
SEBS-HM, which usually would be interpreted as
experiencing more crazing. For both systems, up to the
levels of longitudinal strain examined, the measured
lateral strains in the specimens are minimum. This
suggests that macroscopic shear yielding in PS/block
copolymer blends could be neglected (cavitational pro-
cesses in crazes would make no contribution to the
specimen lateral strain). However, it was advanced by
some authors that shear in the ligaments between
rubber particles does not necessarily imply a change in
the lateral dimensions of the sample.!4!% The global
result from these measurements confirms a predomi-
nant dilatational component despite the shear and the
elastic contributions. Based on traditional interpreta-
tions, these results would indicate that the crazing in



5846 Magalhaes and Borggreve

60

PS/SEBS=HM A
Sor f
E
S 40t %e
X
T 3 /:
B I A _ g
&
E ? /./
o 20
-2 / * o/o ‘
0 */3___——F*°/ b
e .
.4843___——. a
0
60
PS/SEBS-LM B
50 r
E
S 40t
=
3 30 f
N —
E ‘/ e
S 2of / —
g a a— __—ed
of e e
. o—
0 ‘éeﬂ—:’—' —s———1 ¢ a
-50 =30 -10 10 30 50 70

temperature (°C)

Figure 8. Variation in impact strength with temperature and
block copolymer concentration for PS/SEBS blends: (a) 0, (b)
5, (c) 10, (d) 15, (e) 20, and (f) 25%. (A) PS/SEBS-HM; (B)
PS/SEBS-LM.
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Figure 9. Volume strain measurements in tension for SEBS-
HM-modified PS at the indicated block copolymer concentra-
tion.

the matrix is the predominant mechanism. Neverthe-
less, observation of cavities in the rubbery phase from
TEM micrographs makes this assumption dubious.

3.4.2. Transmission Electron Microscopy. The
microstructure of the deformed samples was examined
by TEM. Figure 11 shows a micrograph of a deformed
sample. It demonstrates qualitatively that crazing
contributes to the plastic deformation. Also there is
evidence that crazes were nucleated or interact with the
particles. The cavities in the rubber phase are not
readily resolved in the electron micrographs. This
might be due to irreversible structural changes following
unloading. Examination of the PS/SEBS sections at
higher magnifications, however, revealed the existence
of cavitation in the rubbery continuous phase of the
block copolymer. In the PS/SEBS-LM system with a low
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Figure 10. Volume strain measurements in tension for SEBS-
LM-modified PS at the indicated block copolymer concentra-
tion.

Figure 11. Transmission electron micrograph of a micro-
tomed section of a deformed PS/SEBS-HM sample. Arrow
indicates tensile direction.

content of rubber the available evidence indicates that
the few crazes observed seem to initiate entirely from
surface stress concentrations (micrograph not shown).
This can be due to the inability of small particles in
nucleating crazing. In this case the crazes were gener-
ally straight, propagating across the entire thickness
of the specimen. Qualitatively, with increasing rubber
content, crazes nucleating from the composite rubber
particles appear to be fewer and shorter.

3.4.3. Small-Angle X-ray Scattering. 3.4.3.1. Scat-
tering Patterns. A comparison of a typical scattering
pattern of a deformed PS/SEBS blend strained to 5%
and the corresponding undeformed system is illustrated
for a block copolymer content of 15% and depicted in
Figure 12a. Asindicated, the pattern of the undeformed
specimen shows an interference peak maximum that
was related with the block copolymer domains.*~42 The
pattern of the deformed system shows a correlation
shoulder that is related with scattering entities devel-
oped during uniaxial stretching of the specimen. It can
be seen that the X-ray scattering intensity of the
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Figure 12, Small-angle X-ray scattering curves: (a, top) (A)
PS/SEBS-HM deformed specimen with 15 wt % block copoly-
mer (B) corresponding undeformed specimen; (b, bottom)
background subtraction scattering pattern [(A) minus (B)].

deformed system is significantly above the undeformed
specimen background, ensuring the accuracy of the
subtraction of the background of the two-phase mor-
phology of the material. The contribution of the block
copolymer domains to the scattering pattern is negli-
gible, as is illustrated by the scattering pattern obtained
after subtraction of this contribution (Figure 12b).
Further data analysis was performed on the diffraction
curves whose typical form after subtraction is presented
in Figure 12b.

The interference peak maximum in the scattering
pattern of the undeformed specimens was identified as
the manifest first scattering peak in the scattering
pattern of the pure block copolymer. SAXS intensity
data on pure block copolymers exhibit one to three
maxima at the positions characteristic of a cylindrical
geometry. The long period or microdomain spacing in
the phase-separated block copolymer was estimated
according to ref 40 directly from the position of the first
maximum of the desmeared data and yields values of
610 and 270 A respectively for SEBS-HM and SEBS-
LM. These values were further used to estimate the
size of the glassy polystyrene dispersed domains.40:4!
The values obtained are 20 and 10 nm respectively for
SEBS-HM and SEBS-LM. The values of the glassy
domains given by SAXS analysis are somewhat lower
than the estimations from TEM micrographs (not
shown), but part of the discrepancy may originate from
the staining procedure.

Figure 13 illustrates the SAXS invariant treatment
resulting from observation of a specimen of HIPS
deformed at 5% strain. The corresponding SAXS in-
tensity i(q) profile is shown in the inset where an
apparent monotonic decrease in scattered intensity
occurs as a function of the scattering vector. The
invariant representation of the scattering data gives a

Toughness of Rubber-Modified Polystyrene 5847

L]
HIFS e
2000 |
“ | .
20000 |
-
3
_ o oep
5% = 10000
A
00
T 20
N % 0.62 oot o .00 0.1
a k")
10
n 1 — b L
[} 008 [A] 0.18 0.2 0.25

qk")

Figure 13. Small-angle X-ray scattering invariant for a HIPS
specimen deformed at 5% extension. As an inset is shown the
respective SAXS intensity profile.
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Figure 14. SAXS invariant of blends of SEBS-modified PS

as a function of SEBS content and deformed at 5% extension
ratio: (A) PS/SEBS-HM; (B) PS/SEBS-LM.

good illustration of the scattering features developed
during uniaxial stretching of the specimen. The curve
in Figure 13 indicates a bimodal distribution of scat-
tering centers: an evident shoulder in the pattern
occurs at the same range of g-values as the peak
maximum in the fibril diffraction pattern reported for
homopolymer polystyrene.?* Another major component
of the scattering can be discerned at smaller scattering
vectors.

The scattering invariants of polystyrene homopolymer
(magnified 50 times) and the respective blends with the
SEBS-HM and the SEBS-LM rubbery block copolymers
at different contents of rubber are shown in Figure 14.
Both systems are compared over the same predeter-
mined strain of 5%. An examination of these patterns
reveals important qualitative differences between the
homopolymer PS and the modified systems. The scat-
tering curve of pure polystyrene gives evidence for the
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existence of crazes?* due to the presence of the interfer-
ence peak, at ¢ = qmax, Originating from the regular
spacing of polymer microfibrils and void regions across
the plane of the craze. For rubber-modified PS, while
the general shape of the scattering pattern remains
similar with block copolymer content, major differences
arise when compared with the unmodified polystyrene
pattern. These latter patterns exhibit a broad interfer-
ence shoulder at roughly the same scattering vector (q)
as in pure PS. This broadening could be due to the
inhomogeneous stress field around the rubber particles,
causing deviation of the craze plane from the normal to
the average tensile direction.?® The dominant differ-
ence, though, comes from the strong increase in absolute
intensity at very small values of q. The relative
contribution of the scattering at low g-value becomes
more important as the block copolymer content in-
creases. The observed increase of the scattering inten-
sity at very low g-values in the styrenic copolymer
modified PS is interpreted as originating from noncraz-
ing processes associated with irregular cavities in or
around the rubbery phase. The scattering curves
present the same features as the HIPS scattering profile
discussed previously.

The individual contributions of these cavitational
processes associated with the sharp increase in scat-
tering intensity at very small values of  can hardly be
estimated quantitatively due to the limited resolution
in this region of the scattering. Consequently, super-
imposed on the fibril scattering is the high g-region (tail)
of the scattering curve due to noncrazing scattering
centers with sizes larger than the limit of the Kratky
X-ray camera. This scattering tail intensity at very low
g-values is attributed to other voiding processes, most
probably cavitation within the rubber phase. The
presence of a predominant noncrazing process during
each stage of deformation has already been anticipated
by studies using real-time small-angle X-ray scatter-
ing®1% on HIPS and ABS. This implies that the scat-
tered invariant (i.e., the integration of Figures 13 and
14 over the whole g-range) cannot simply be used as a
measure of the crazing process.

The noncrazing component of the scattering should
not be included in any analysis of the crazing process.
Investigations of the crazing process have concentrated
on amorphous glassy polymers like polystyrene, poly-
carbonate, and poly(methyl methacrylate).243031 Very
little has been published on the SAXS patterns of crazes
in rubber-modified materials.”~%43 We now introduce
a new method to analyze scattering patterns from
rubber-modified PS, to reduce the uncertainty in the
calculation of the craze fibril invariant.** The scattering
at very low angles can be regarded as the tail portion
of scattering centers (rubber cavities) whose sizes are
larger than the resolution of the SAXS camera and can
therefore be fitted with Porod’s law. This procedure
assumes only one population of crazes whose interfer-
ence yields the weak maximum in the scattering pat-
tern. After fitting the low g-region of the scattering
curve, the contribution of this noncrazing process was
subtracted from the overall diffraction pattern. Con-
sequently, the residual scattering pattern contains the
information on the craze process only. Only a small
portion of the curve was fitted to obey Porod’s law. A
more accurate characterization of the noncrazing pro-
cess would require an ultrahigh-resolution diffractome-
ter (Bonse-Hart) which allows resolution of scattering
entities of 1 um. The fitting procedure and the total
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Figure 16. SAXS invariant: (A) recorded invariant; (B)
remaining invariant after subtraction of the background due
to noncrazing processes. The illustrative curves were taken
for a HIPS sample deformed at 10% extension.

and corrected invariant are shown in Figures 15 and
16. This corrected scattering invariant exclusively due
to fibril diffraction was used to quantify the contribution
of the crazing to the deformation mechanism and to
characterize the craze microstructure.

3.4.3.2. Craze Microstructure. Traditionally, two
approaches are used to perform quantitative analyses
of the craze microstructure: (1) calculation of the fibril
spacing, Dy, directly from the scattering curve; (2)
calculation of the average fibril diameter, D, using a
Porod analysis of the high-angle portion of the scattering
curve combined with the SAXS invariant. The latter
method provides a more precise value of Dy.

Values of the mean fibril diameter were obtained
using a Porod analysis of the high-angle portion of the
scattering pattern exclusively due to fibril diffraction.
The small-angle scattering invariant was evaluated over
the corrected pattern exemplified in Figure 15, and the
Porod constant, k21, was obtained by extrapolating a plot
of i{g)q® vs ¢® to ¢ = 0. This curve exhibits a nearly
constant value of ig® at high angles from which 2; may
be determined. Table 3 shows the values of the fibril
diameters for the reference PS and both block copolymer
modified polystyrenes.

The value of the fibril diameter, D, ranges from 4.5
to 5.9 nm. The important conclusion here is that
essentially no difference in craze fibril diameter is
observed over the range of block copolymer compositions
explored for these blends. The craze fibril sizes are
virtually identical for PS/SEBS-HM and PS/SEBS-LM
and comparable with the homopolymer PS. The value
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Table 3. Values of the Mean Fibril Diameter of PS
Modified with Different SEBS Concentrations Obtained

Using a Porod Analysis
Droroa analysis (nm)
conen (%) PS/SEBS-HM PS/SEBS-LM
0 5.2 5.2
5 5.0 5.9
15 4.7 4.9
25 4.5 5.4

of the average fibril diameter determined for HIPS is
6.7 nm.

If the craze fibril structure is determined using the
SAXS invariant with the inclusion of the scattering
contribution at low g (component from voids), then the
mean fibril diameter would have a strong dependence
on weight fraction of the block copolymer, being in
extreme about 4 times the value in pure PS for the
material with 0.25 SEBS-HM. For HIPS the polymer
fibril size also rises to about 15 min.

The characterization of the craze microstructure can
also be roughly calculated from the interfibrillar peak
maximum of the scattering curves, based on the craze
model. This maximum characterizes the regular ar-
rangement of polymer fibrils and voids in the craze
network. From Bragg’s law, this peak position yields a
semiquantitative measure of the craze fibril spacing Dy
= 271/qmax. The peak position was determined based on
the corrected i(g) vs ¢ plot (not shown) for each system,
and it follows that the fibril spacing, Dy ~ 24 nm, is
roughly the same for all systems and coincides with the
value for the pure matrix PS. From geometric consid-
erations it can be demonstrated® that for constant
polymer volume during fibril drawing D and D, are
related through

DO = D('lcraze)l/2 (8)
where Acraze 18 the craze fibril extension ratio.

Thus, from eq 8, the polymer fibril dimension deter-
mined for pure PS and the respective blends is =12 nm.
From the unchanged position of the peak in the typical
SAXS patterns of the blends, it follows that the craze
microstructure, as measured by D, does not vary
significantly with the rubber content. This observation
confirms the results found by the subtraction method.
This result is important because its demonstrates that
the invariant of the fibril scattering can be used to
measure the total craze volume and the related plastic
deformation due to crazing. This result adds confidence
to the form of interpretation of the scattering curve
described earlier.

An additional proofin favor of this subtraction method
for obtaining the invariant exclusively due to fibril
diffraction is the unchanged position of the interfibrillar
peak with the block copolymer content which can be
observed directly from the scattering invariant curves.

It is worth nothing that the values of D determined
from the Porod analysis are always smaller than the
fibril diameter which could be inferred from the position
Qmax Of the intensity maximum and vs. The Bragg’s law
analysis becomes increasingly inaccurate as the inter-
fibrillar interference maximum becomes weaker and
broader, as in our case. Brown and Kramer?* advanced
that, in fact, 27/gmax Overestimates the true Dy owing
to the fact that the fibril scattering intensity increases
with the fourth power of the fibril size, so that the
interference between the larger fibril (larger spacings)
is overweighted in the scattering pattern.
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Figure 17. SAXS analysis of PS/SEBS-HM and HIPS at
different applied strains. Plots of the total plastic strain er,
noncrazing strain encr (®,0), and strain due to crazing ecr
(v,v). The solid symbols correspond to PS/SEBS-HM blend
and the open symbols to HIPS. The total plastic strain e
represents both systems, since the elastic contribution is
essentially the same.

Table 4. Measured Craze Strain (ecr) and Deformation
Fractions (ecp/er) at Constant Extension of 5% (e4) for
PS/SEBS Blends (GT = €A — €EL — 3.5%)

€cr (%) €CR/eT
concn PS/ PS/ PS/ PSs/
(%) SEBS-HM  SEBS-LM  SEBS-HM  SEBS-LM
5 14 0.41
15 1.2 1.7 0.35 0.49
25 0.8 1.1 0.22 0.32

3.4.3.3. Plastic Strains and Deformation Frac-
tions. The strain due to crazing (ecr) at constant total
plastic strain (er) was calculated from eq 4, and the
results for SEBS-HM and SEBS-LM blends at different
compositions with polystyrene are summarized in Table
4. The striking result in both cases is that with
increasing rubber content the contribution of crazing is
significantly decreasing. This effect is most pronounced
in the case of the blends with SEBS-HM.

Besides the dependence of the crazing process on the
rubber content, the dependence on applied strain for a
particular block copolymer content of 25% by weight for
the PS/SEBS-HM system was examined (Figure 17). A
HIPS specimen was also studied under the same condi-
tions at various levels of strain (Figure 17).

Both for HIPS and the PS/SEBS blend the strain due
to crazing and noncrazing mechanisms increases with
the extension ratio. The relative contribution of the
crazing and noncrazing deformation mechanisms re-
mains essentially the same. Although it is difficult to
investigate the noncrazing process quantitatively, it can
be deduced from the invariant curves (not shown) that
the rubber cavitation component increases with exten-
sion ratio. The craze microstructure remains unalter-
ated with the extension ratio.

4. Discussion

As expected, with increasing content of SEBS rubber
in PS both the notched Izod impact strength and the
strain at break increase. Based on dilatometry and
TEM studies only, one could believe, following many
previous studies,?510 that this increase in toughness is
due to an increasing massive crazing process. However,
from the SAXS studies we learned that the contribution
of crazing in the glassy PS matrix decreases significantly
with increasing rubber content at the low strain rate
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investigated. Deformation studies on HIPS with RT-
SAXS show that the contribution of crazing to the total
plastic deformation even seems to decrease with in-
creasing strain rate, up to impact strain rate.!> There-
fore we expect that our conclusion can be extrapolated
to impact strain rates.

This result implies that the concept of multiple
crazing, generated by a large amount of rubber particles,
as the main source of toughness is doubtful.

The craze microstructure is independent of the type
of SEBS rubber, the rubber content, and the extension
ratio applied to the specimen. The measured craze fibril
diameter remains constant and comparable with pure
PS homopolymer. These results imply that the fibril
size is a function of the matrix only, which is identical
in the two materials.

Previous studies!®?445 report the same average value
for the craze fibril diameter for polystyrene homopoly-
mer as we found (6 nm) but systematically higher values
for HIPS (typically 12—14 nm). These higher values of
the fibril dimensions for rubber-modified PS have been
attributed to the presence of mineral 0il* or low
molecular weight rubber components diffusing from the
composite rubber particles,*” which, at sufficiently low
strain rates, would plasticize the craze fibrils.

When the complete SAXS invariant was used to
characterize the craze microstructure, a significant
increase in the fibril diameter was found with increasing
rubber content. Because in our blends neither mineral
oil nor low molecular weight rubber fractions are
present, we previously advanced another explanation
for this coarsening in craze microstructure with the
rubber content.*® We suggested that as a result of
rubber cavitation, the craze microstructure coarsening
tock place because of a change in stress state in the
ligaments in between cavitated rubber particles. Now
we know that we overestimated the polymer fibril
dimensions since the measured invariant  does include
a component from voids in and around the rubbery
phase. So, conversely to the previously reported coars-
ening of craze microstructure for rubber-modified poly-
styrene, with our subtraction method we found that the
craze fibril structure remains comparable for both
rubber-modified and unmodified PS. That means that
the increase in toughness with increasing rubber con-
tent cannot be attributed to any change in the micro-
structure of the crazes that are produced. The craze
microstructure only reflects the behavior of the PS
matrix whereas the contribution of the different types
of plastic deformation is associated with the rubber
content and the type of rubber.

Since the increase in toughness with rubber content
could not be related to an increase of the amount of
crazes or to a change in craze microstructure, it should
be related to an increase of another plastic deformation
process. This mode of plastic deformation might be
ligament shearing induced by rubber particle cavitation,
although there is no firm experimental evidence for such
deformation. Gilbert and Donald observed such defor-
mation in regions ahead of a crack tip in HIPS using
SEM.* Also in commercial HIPS the main absorption
of plastic energy is the ductile deformation of the
ligaments between cavitated rubber particles and not
multiple crazing.

When the two types of blends with the styrenic block
copolymers are compared, it is clear that PS/SEBS-HM
is substantially more ductile than PS/SEBS-LM. Dif-
ferences in toughness of PS/SEBS blends have usually
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been attributed mainly to differences in the blend
morphology, which is determined by the rheological
characteristics of the block copolymer relative to that
of the matrix*® or differences in mechanical adhesion
toward the PS matrix**% based on molecular weight
differences of the PS block of the copolymer. Although
we cannot neglect the differences in the shape of the
dispersed phase, the dimensions of the rubbery particles
are quite similar and in both cases have the required
dimensions®1:52 to initiate and control crazes in PS.

When the SAXS results on the deformed PS/SEBS-
HM blends are compared with those on the deformed
PS/SEBS-LM blends, it turns out that the PS/SEBS-
HM blends have a smaller crazing component and a
significantly larger voiding component (low-angle scat-
tering intensity) (see Table 4 and Figure 13). Thus, PS/
SEBS-HM blends have a higher toughness than PS/
SEBS-LM blends because they deform more through
cavitation-induced ligament shearing and less through
crazing.

SEBS-HM is more efficient as a toughening agent
than SEBS-LM because it cavitates more easily.5® This
could originate from the difference in the internal
morphology of the dispersed phase. Due to its high
molecular weight, SEBS-HM has a more expanded
internal morphology, a considerable lower modulus, and
consequently a more elastomeric nature, which may be
the cause for a lower cavitation resistance.5

Since the mechanical adhesion of both SEBS-HM and
SEBS-LM toward PS is considerable, as shown with the
peel test, we do not believe that failure at the interface
plays any role in both types of blends. However, we
cannot exclude that the stress transfer at the interface
in the PS/SEBS-HM blends is more pronounced, which
also might affect the cavitation behavior of the rubber
particles.

At low strain rate the elongation at break is consider-
ably lower for the PS/SEBS-LM blends. This can be
related to the higher craze density, which increases the
fracture probability.?® In this case crazing acts as a
damaging mechanism.

At high strain rates the yield stress of the PS/SEBS-
LM blends is higher compared to that of the PS/SEBS-
HM blends, which can be related to a higher cavitation
resistance of the dispersed phase. A higher cavitation
resistance and a higher yield stress of the PS/SEBS-
LM blends are also responsible for a lower notched
impact strength.

Blends of PS with 5% SEBS are brittle. We think this
is not because the rubber particles are too small to
initiate crazes®5152 but probably because the rubber
particle size is too small (see Table 3) to allow cavitation
to occur.56 HIPS is less ductile than a comparable PS/
SEBS-HM blend, which correlates with a stronger
contribution of crazing during all stages of plastic
deformation (different strains). We relate this to the
presence of low molecular weight components in either
the PS matrix or the dispersed phase. The slight
increase of fibril diameter gives some support to this
idea, which will be discussed in more detail in forthcom-
ing papers.

5. Conclusions

The deformation process in rubber-modified polysty-
rene was studied by static SAXS on deformed tensile
samples under loaded conditions. The typical scattering
pattern of these systems was interpreted as originating
from two components: crazing in the polystyrene matrix
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and a dominant cavitational component associated with
the rubbery phase. We have used a new method to
separate and quantify the crazing component by sub-
tracting the contribution of the noncrazing process from
the scattering invariant. We checked this procedure by
comparing the values of the craze fibril diameter
obtained by both the new approach and the craze peak
position using Bragg’s law.

The craze microstructure, as determined by the craze
fibril diameter D, in rubber-modified PS is found to be
the same as in homopolymer polystyrene (5—-6 nm).
With an increasing content of rubber, the amount of
crazing decreases significantly whereas the (impact)
toughness increases. The relative contribution of the
crazing process seems to decline with the level of plastic
strain imposed to the PS/rubber blends.

We believe that in both PS/SEBS blends and HIPS
the main source of plastic energy absorption is micro-
scopic shearing in the glassy ligaments in between the
cavitated rubber particles (cavitation itself being an
unimportant mechanism of energy dissipation). Al-
though the evidence of extensive macroscopic shear
yielding was not recognizable by dilatometry measure-
ments, the possibility of deformation of the ligaments
in between the rubber particles promoted by rubber
particle cavitation may be advanced to explain the levels
of toughness in these systems.415 The contribution of
crazing to the plastic deformation is of minor impor-
tance.

Crazing can be interpreted mainly as a damaging
mechanism that should be controlled in order to prevent
premature fracture.

When the blends of the two block copolymers are
compared, it turns out that the crazing component is
smaller and the noncrazing component is higher for
blends with SEBS-HM. This result was interpreted as
showing that the PS/SEBS-HM blend is tougher because
it experienced more noncrazing processes, namely,
cavitation-induced shear yielding, and less crazing
during deformation.
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